The ion etching was done with 3 keV Argon ions rastered over an -I mm 2 area. The etch rate in Ta205 under these conditions was 0.05 nm/s. Auger electron spectroscopy (AES) analysis of the coated Hi-Nicalon fibers was performed using an electron beam current of -1.5 nA. The beam was rastered over a 2×20 l.tm area of the fiber with the long axis of the area aligned with the long axis of the fiber. Spectra were acquired in integral mode at a beam energy of 2 keV and depth profiles were generated by plotting elemental peak areas against ion etch time. The atomic concentrations were calculated by dividing the peak areas by the spectrometer transmission function and the sensitivity factors for each peak, then scaling the results to total 100 percent. Hi-Nicalon fibers were spread using rollers and coated with the matrix precursor by passing through the slurry. Excess slurry was squeezed out of tt_e fiber tow before winding it (26 fiber tows/in.) on a rotating drum. The prepreg tape was allov, ed to dry and then cut to size. Unidirectional fiber-reinforced composites were prepared by prepreg tape lay up (12 plies) and warm pressing which resulted in a "green" composite. The fugitive organics were slowly burned out of the sample in air, followed by hot pressing under vacuum in a graphite die. The resulting composites were almost fully dense. No hexacelsian was detected from XRD.
Mechanical Properties
Typical stress-strain curves recorded in three-point flexure for the two composites are presented in figure 2 . The stress-strain curve for a hot pressed celsian monolith is also shown for comparison.
The monolith shows a modulus of 96 GPa, flexural strength of 131 MPa and fails in a brittle mode as expected.
Both CMCs show initial linear elastic behavior followed by deviation from linearity. This indicates load transfer to the fibers beyond the proportional limit indicating a true composite behavior. SEM micrographs of fracture surfaces after the flexure tests are shown in figure 3 . under exactly similar conditions. The only difference was that the duplex BN/SiC coating on the fibers used for fabrication of the two composites were deposited in two different batches, but by the same vendor. The difference in fiber volume fractions in the two composites will have some effect on the residual thermal stresses, but not enough to account for the large difference seen in the {_mc values.
Fiber-Matrix Interface
In order to determine whether differences in interfacial behavior were the source of the disparity in CYrus, for the two composites with "similar" BN/SiC interphase coatings, fiber push-in tests were carried out. A number of fibers were pushed in for each composite.
Typical cyclic pushin curves at room temperature for the two composites with BN/SiC interface coatings are shown in figure 4 . 
where u is the fiber end displacement, u0 is the residual fiber end displacement after the previous unloading, F is the applied load, It-is the fiber radius, and E l is the fiber modulus. While neglecting Poisson expansion of the fibers leads to an overestimation of "tf,c,on values, the relative comparison of "t:t_,_o o lbr different coatings should be valid. In addition, a debond initiation stress, _d, could be calculated from the debond initiation load, F d, (load at which fiber end begins to move during first loading cycle) by the relation C d = Fd/rtr 2.
(
The results of fiber push-in data are summarized in 6 and 7) of the fiber pushed-in samples indicated the presence of wear debris at the interface. The wear debris consists of thick sections of coating in composite #1 ( fig. 6 ) but only of thin sublayers of coating in composite #2 (fig. 7) . The debonding occurs primarily between the innermost coating and the fiber for both composites. in these composites were also applied by 3M and the scanning Auger microprobe analysis indicated these coatings to be similar to batch 1 coatings of the present work. Several factors such as residual thermal clamping stresses, fiber roughness, and modulus and thickness of the fiber coating which can control the former factors contribute to the value of 'tfr_c,on However, values of zfo_,_oodiffering by a factor of about 12 in the two composites of the present study may be attributed primarily to the much lower sliding friction between C/SiC versus BN/SiC interfaces and also to the difference in the size of the wear debris at the interface.
By using a simple energy balance approach, in determining the stress necessary to propagate cracks in brittle solids, the following equation has been derived (refs. 13 and 14) for the matrix cracking stress, om_, in a composite consisting of a low failure strain matrix reinforced with high failure strain continuous fibers:
where r" m is the matrix fracture surface energy, Vf is the fiber volume fraction, Ec, E,,, and Ef are the elastic moduli of the composite, matrix and fiber, respectively and other terms have the same meaning as above. It is apparent from this equation that the first matrix cracking stress can be enhanced by increasing fiber-matrix interfacial sliding stress, by using fibers of smaller radius, and by increasing the volume fraction of fibers. It might also be increased by using low modulus matrix and high modulus fibers. The matrix microcracking may also be suppressed by placing the matrix in compression through choosing c_ > or,,, although for isotropic fibers this will result in contraction of the fibers away from the matrix and a potential decrease in fiber-matrix shear strength. It is important to optimize the fiber-matrix bond strength as too strong a bond will result in a brittle composite with low toughness. By using values of various parameters, as given above, the ratio of (Oo,_,)b,t_h t and ((_mc)batch 2 for the two composites was calculated from equation (3) to be 3.29. This is in very good agreement with a value of 3.57 for the ratio of measured er values. 
SPONSORING/MONITORING AGENCY NAME(S) AND ADDRESS(ES)
National Aeronautics and Space Administration
